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Over the past decade, many efforts have been made to develop new materials exhibiting
high oxide ion mobility at low temperature. In addition to the improvements of existing
materials, new classes of conductors in which the structure have been shown to play an
important role has been proposed. These materials are reviewed according to their structure
type. Their performances and limitations are presented and discussed.
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Introduction

Oxide ion conductors are an exciting class of materials
and are involved in an increasing number of application
domains. Oxide ion conduction is a specific property of
some solids that was discovered more than a century
ago by Nernst in zirconia derivatives. Because of the
lack of high performance materials, applications of oxide
electrolytes were confined, for a long time, to specific
domains that do not need high current densities; for
instance, oxygen sensors. The reason for this confine-
ment is that oxide ion is a big (radius (r) ∼ 1.40 Å)
double-charged ion that strongly interacts with the
cation network. High mobility of such a species implies
very specific structural features. To reduce the operat-
ing temperature and/or to allow high current densities,
many research works have been performed to improve
the known materials (mainly, zirconia-based electro-
lytes) and to find new phases or families of materials
more able to satisfy the increasing variety of needs.
Because of both of these aspects, great strides forward
have been made and oxide ion conductors now have
realistic possibilities for development in the near future
in fuel cells, dense membranes for oxygen separation,
and catalysis. Several reviews papers have already

been devoted to oxide conductors,1-7 usually focusing
mainly on a specific class of materials. In the present
review, we take a tentative overall structure-oriented
approach to the most recent results obtained on this
important topic.

Fluorite-Type Oxide Electrolytes

From a historical point of view, this class of materials
has been the most widely investigated, mainly because
of the extensive research works conducted on stabilized
zirconia for applications in solid oxide fuel cell (SOFC).
Pure ZrO2 exhibits three different crystallographic
polymorphs, monoclinic, tetragonal, and cubic, respec-
tively, depending on the temperature. The distorted
tetragonal and cubic fluorite polymorphs are built on
the basis of a Zr4+ cation fcc packing with oxide ions
located in the tetrahedral sites of the structure (Figure
1). To get oxide conduction properties, part of Zr4+ must
be substituted by another cation with a lower valence
state (mainly Ca2+, Sc3+, Y3+, or a rare-earth cation).
This doping leads first to stabilization of the cubic or
the tetragonal form, depending on the synthesis tem-
perature and the dopant concentration. Second, to
achieve the electrical neutrality, vacancies are simul-
taneously created in the anion network. The ionic
conductivity of stabilized zirconia at a given tempera-
ture depends on the nature and the concentration of the
aliovalent cation. The radius of this cation plays a
major role. The conductivity (σ) increases as the radius
becomes close to that of Zr4+ (rVIII ) 0.84 Å). The best
value is reached for Sc3+ (rVIII ) 0.87 Å) with a σ value
equal to 10-1 S cm-1 at 800 °C for (ZrO2)0.9(Sc2O3)0.1.
For the sake of comparison, the σ value for (ZrO2)0.9-
(Y2O3)0.10 at the same temperature is close to 3 × 10-2

S cm-1 (rY3+
VIII ) 1.02 Å). As previously mentioned,

substituting Zr4+ with an aliovalent cation creates oxide
vacancies leading for a 3+ cation to a defect solid
solution which can be formulated Zr1-xMxO2-x/20x/2. As
a consequence, the extrinsic conductivity first quickly
increases and then, despite the linear increasing of the
number of vacancies with x, always decreases. Typi-
cally, σ exhibits a sharp maximum for 0.08 e x e 0.12.
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This result can be explained by defect interactions
between doping cations and vacancies that can no longer
contribute to the conduction process.

If a high conductivity is an essential parameter for a
solid electrolyte to be suitable for applications, many
other conditions must be fulfilled to provide a reliable
operating device. Most of the experimental fuel cells
are now designed using yttria-stabilized zirconia with
x ) 0.08. The main reason for that design is the high
chemical stability of this phase, both toward anode (H2
or CO) reduction and cathode (air or pure O2) oxidation.
However, the limited oxide conductivity of stabilized
zirconia electrolytes and the need to reach current
densities of several hundred mA cm-2 to satisfy eco-
nomical requirements implies that the SOFC must
operate at high temperature (800-1000 °C). Such high
temperatures lead to many technological problems, such
as mechanical instability, materials aging, and undesir-
able chemical reaction between cell components (elec-
trolyte, electrodes, interconnecting material...).

To lower the operating temperature, extensive re-
search has been conducted to look for new fluorite
materials with conductivity values larger than those of
zirconia-based electrolytes. Some simple structural
considerations led to the conclusion that the choice is
necessarily limited. It is clear from the structure that
to leave a tetrahedral crystallographic site, the oxide
ion must cross a bottleneck limited by three cations
located at the vertexes of one of the triangular faces of
its coordination tetrahedron. The simplest way to make
this crossing easier is to occupy the cation sites with
polarizable cations. As the polarizability of an ion
increases with its radius, big cations must be preferred.
However, to maintain the stability of the fluorite
structure, the ratio between the cation and the anion
radii must remain close to 0.70. On the basis of an oxide
ion radius of 1.38 Å, the optimum cation size is close to
1 Å. Such a large radius is typically of the order of
magnitude of that of 4f elements. Because of the
lanthanide contraction with the atomic number, only
elements located at the beginning of the lanthanide
series can ideally fit the size requirement.

Ceria solid solutions have been widely investigated.
As expected, their conductivity is higher than that of
zirconia-based phases. For instance, the conductivity
of a cerium gadolinium mixed oxide is about five times
that of the corresponding yttrium zirconium oxide.
Among ceria-based electrolytes, samarium-doped ceria
exhibits the highest ionic conductivity.8 However, under

reducing conditions, Ce4+ is easily reduced to Ce3+,
leading to an electronic contribution to conductivity. In
addition to the loss of efficiency, Badwal et al.9 have
noticed a large increase in the grain boundary imped-
ance associated with the formation of Ce3+ near the
grain boundary regions. After reoxidation, the distor-
tion of the lattice impedance arc is characteristic of
microcracks development. This result would seriously
limit the use of cerium-based electrolytes in SOFC.
However, in a very recent work, Huang et al.186 have
observed little impedance at the grain boundaries of
reduced ceria.

Different authors have proposed coating cerium-based
electrolytes with a thin layer of yttria stabilized zirco-
nia.10,11 This process leads to suppression of the elec-
tronic contribution without significant increase of the
overall resistance of the cell, but a reaction occurs
between doped ceria and stabilized zirconia that can
preclude a long-term use of this system.12 Materials
containing CeO2 could, however, be used in mixed ionic
electronic membranes (MIEC) for oxygen gas separation
or syn-gas preparation. Nigara et al.13 have reported
an oxygen flux of 13 × 10-6 µmol cm-2 s-1 at 870 °C
using a Zr0.45Ce0.09Ca0.36O1.44 membrane.

Looking for highly polarizable cations, special atten-
tion has been focused on p-type external orbital metal
oxides. These elements exhibit a high polarizabilty due
to their electronic structure that is characterized by the
presence of a nonbonding electronic pair. The most
interesting are those that have the largest ionic radius.
Among them, Bi3+ quickly appeared as a very attractive
cation. Its 6s2 pair is known to be highly stereochemi-
cally active. Numerous structural studies led to the
conclusion that this pair usually occupies a mean
volume of the same order of magnitude as that of an
oxide ion. This specificity generates very loose and
deformable structures that are particularly suitable for
anion migration.

High conductivity of bismuth oxide and bismuth
mixed oxides has been first reported by Takahashi et
al.14 Bi2O3 is a polymorphic oxide and many contradic-
tory investigations have been performed before the
description made by Harwig and Gerards,15,16 which is
considered as the most correct one. Only two varieties
are stable. The low temperature R form is monoclinic.
It converts at 729 °C into the face-centered cubic δ form,
which is stable up to the melting point at 824 °C. On
cooling, large thermal hysteresis occurs and the meta-
stable tetragonal â or body-centered cubic γ form can
be obtained depending on the cooling conditions. The
R-monoclinic and γ-bcc forms are semiconductors,
whereas the â-tetragonal and δ-fcc forms are oxide ion
conductors. The highest conductivity occurs with the δ
form. The structure of the δ form is highly disordered
(the thermal effect associated to the R w δ transition is
nearly three times larger than the heat of melting). This
form derives from the fluorite structure but, because of
the stoichiometry (BiO1.500.5), the anion network con-
tains 25% intrinsic vacancies without any need for
doping. According to Battle et al.,17 the cations are
arranged as a cubic close packing and oxide ions occupy
two sites of the Fm3m space group: 43% of the regular
1/4 1/4 1/4 sites are randomly occupied and the remaining
1.28 oxide anions per unit cell relax in the 〈111〉

Figure 1. Schematic view of the fluorite structure.
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direction and are displaced from their ideal position to
a xxx (x ) 0.354) site. In a recent paper, Depero et al.18

propose a somewhat different distribution of the oxide
ions that is also characterized by a dramatic disorder.
Figure 2 compares the projection of the two structures
along the [100] axis.

From these results, it is quite clear that the high
temperature δ-Bi2O3 form exhibits several unique fea-
tures: high polarizability of the cation network, highly
disordered anion network, presence of 25% intrinsic
vacancies, and large ability of bismuth cations to
dynamically accommodate asymmetric surroundings.
These characteristics are together responsible for the
very high conductivity of δ-Bi2O3, which exhibits a σ
value 2 orders of magnitude larger than that of stabi-
lized zirconia: σ730 °C ) 1 S cm-1.19 A further and
determining advantage of Bi2O3 is its favorable catalytic
effect on the oxygen dissociation reaction, which is
always the first and often limiting step in every elec-
trochemical process involving oxygen transfer. Several
works on bismuth derivatives have emphasized the high
activity of bismuth-based surface compared with that
of noble metals. This effect was clearly evidenced using
a bismuth lead oxide electrolyte, which was shown to
easily support high current densities using a special cell
design in which the electronic surface conductivity was
provided by means of a thin gold grid co-sintered with
the electrolyte.20,21 In a general study of the oxygen
transfer process, Boukamp et al.22 have also evidenced
that the exchange current densities obtained for porous
sputtered platinum or gold electrodes on a bismuth-
based electrolyte are almost identical; that is, that
“electrode material” nature has little influence on the
oxygen transfer rate, in contrast with observations
performed under the same conditions on zirconia-based
electrolytes.

However, the δ-Bi2O3 form is only stable at temper-
ature higher than 730 °C up to its melting point (830
°C). This limited range of stability and the mechanical
stress associated with the volume change during the
phase transitions make pure Bi2O3 unsuitable for
practical applications. As a consequence, cation sub-
stitution, which is not needed because of the presence
of intrinsic vacancies in oxygen network, has been
performed to stabilize the highly conductive δ form
below the phase transition temperature.

The choice of cations that can be used is very large
because, in contrast with ZrO2, isovalent () 3) and even
higher valence state cations (>3) can be used. Numer-
ous oxides from divalent up to hexavalent elements have
been studied.

For M2+ cations (M ) Ca, Sr, Ba, Pb),23-29 a large
domain of fcc solid solution exists at high temperature
but is difficult to preserve at room temperature: the
larger the cation size, the narrower the range of
stabilization that completely vanishes for Ba and Pb.

Isovalent cations have been the most extensively
investigated (M ) Y, Ln).40-49 Figure 3 shows a typical
example of conductivity curve for M ) Y. As usual, this
curve exhibits two domains with different activation
energies that have been related to a short-range order-
ing at low temperature. Considering the results ob-
tained with yttria-stabilized zirconia, many authors
have investigated the Bi2O3-Y2O3 fluorite solid
solution.30-41 In the equilibrium domain of the fcc
phase, the conductivity progressively decreases with
increasing dopant concentration. This trend is general
in the doped δ phase, which can be related, at least
partly, to the lower polarizability of the dopant cation
compared with that of Bi3+. In the stabilized domain
at lower temperature, a maximum in the conductivity
occurs for (Bi2O3)0.75(Y2O3)0.25. Most of the elements
belonging to the lanthanum series have also been
investigated. The best conductivity is obtained with
erbium oxide for the composition (Bi2O3)0.75(Er2O3)0.25.42

The δ-type phases have also been reported with M4+ (M
) Te),35 M5+ cations (M ) V, Nb, Ta),31,48 and W6+.49

Many controversies arose about the effective stability
of the fcc phase at low temperature. For Verkerk et
al.,42 the stabilization results from a contraction of the
δ structure and is therefore better achieved with small
ionic radius cations. The lowest Ln2O3 concentration
needed to stabilize the δ structure is 0.15 for Er2O3.
Watanabe50-52 studied a large number of δ-Bi2O3-
stabilized phases, particularly for M ) Te, La, Nd, Sm,
Eu, Gd, Dy, Ho, Er, Tm, Yb, Lu, Pr, Tb, Nb, Ta, and W,
and concluded that the δ phase cannot be readily
stabilized by an oxide addition. All the reported “sta-
bilized” δ phases are quenched phases or fcc-based
tetragonal phases.

Figure 2. Comparison of oxide ion disorder in δ-Bi2O3 form
(a) BATTLE17 and (b) DEPERO. Reprinted with permission
from ref 18. Copyright 1996 Academic Press.

Figure 3. Arrhenius plot of (Bi2O3)0.75(Y2O3)0.25 conductivity.
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When annealing at low temperature (typically <700
°C), the quenched δ phases progressively convert into
a stable phase. The time necessary for the transforma-
tion to occur varies from some hours to several weeks.
The most common transformation leads to the formation
of one of both â1 or â2 polymorphs of a layered rhom-
bohedral phase that will be described later.

Watanabe et al.53 have also examined the polymor-
phism dependence on the ionic radius in Bi0.775Ln0.225O1.5
for Ln ) Y, La-Er. Figure 4 summarizes the results.
The maximum of stability for the δ phase, which
corresponds to the lowest temperature for entering the
equilibrium domain, is encountered for erbium. Then
the temperature increases gradually as the ionic radius
increases. Up to terbium, a direct-phase transition
occurs from the low temperature â2 rhombohedral phase
to the δ phase. For larger ionic radii, the transition
occurs in two steps according to the â2 w â1 w δ
sequence.

Ionic conductivity measurements performed during
long-time annealing led to the conclusion that a pro-
gressive decay of the conductivity occurs, even in the
absence of any trace of cubic w rhombohedral transfor-
mation. That is the case, for instance, for samples with
composition (Bi2O3)0.80(Er2O3)0.20 whose conductivity
decreases with time upon annealing at temperatures
<600 °C. The fastest decay rate occurs at 500 °C.54,55

Investigations performed by various techniques [X-ray
diffraction (XRD), differential scanning calorimetry
(DSC), and transmission electron microscopy (TEM)] led
to the conclusion that this aging is related to an ordering
of oxygen vacancies that is characterized on electron
diffraction patterns by the appearance of satellite spots
along the 〈111〉 direction.56 For Fung et al.57 the time
constant of the conductivity decay is too large to be
associated with the ordering of anion vacancies whose
time constant is several orders of magnitude smaller.

They examined in detail the effect of aliovalent dopants
on the phase transformation kinetics and ordering in
Bi2O3-RE2O3 solid solutions (RE ) Yb, Er, Y, Dy)58 and
confirm that the stated low-temperature transformation
of yttria- or rare-earth-based cubic δ phase solid solution
to a rhombohedral phase is a general feature. The
temperature range and the kinetics of this transforma-
tion depend on the nature and the concentration of the
dopant. At low temperature (typically at temperatures
<600 °C for (Bi2O3)0.80(Er2O3)0.20 samples), a superstruc-
ture appears in the cubic solution that is responsible
for the conductivity decay. This ordered superstructure
is also metastable and is in relation with the stable
rhombohedral phase. Both phenomena, cubic w rhom-
bohedral and disordered cubic w ordered cubic, are
governed by cation diffusion, the different kinetics of
the two processes being related to the differences in
characteristic diffusion distances. The cation ordering
hypothesis is supported by the X-ray structure factor
calculations and by the observation that the only
reflections present are those corresponding to a bcc
lattice with a cell parameter about twice the δ phase
one. The decrease of the conductivity is associated with
differences between Bi-O and RE-O bond strength.

In a recent study, performed by neutron diffraction
on a (Bi2O3)0.80(Er2O3)0.20 powdered sample, Jiang et al.59

compared the structural differences between an unaged
sample and a sample annealed for 330 h at 500 °C. The
unaged sample exhibits structural parameters in good
agreement with previous results obtained by Battle17

in Y3+- and Er3+-doped Bi2O3. They found two cations
distributed over a 0.05, 0, 0 site. The oxide ions are
distributed in 8c (0.25, 0.25, 0.25), 32f (0.309(1), 0.309-
(1), 0.309(1)), and 48i (0.5, 0.313(8), 0.313(8)) crystal-
lographic sites with occupation factors equal to 1.00(9),
1.64(13), and 0.36(7), respectively. After aging, the
main difference concerns the 8c site whose occupation
factor drops down to 0.01(7), whereas the 32f one
increases up to 2.61. This result is accompanied by a
small lowering of the x coordinate (x ) 0.037(2)) of the
cation site and a reduction of 2% of the cell parameter
(aunaged ) 5.500(2) Å; aaged ) 5.492(2) Å). The main
change during aging is the displacement along the 〈111〉
direction of 33% of the oxide ions that were initially
located in the ideal tetrahedral site of the fluorite-type
structure. The remaining question is whether the oxide
ions and vacancies are ordered. Jiang et al.56 proposed
a superstructure arrangement with an oxygen vacancy
ordering in the 〈111〉 direction. For this superstructure
to be consistent with TEM observations (mainly the
occurrence of a body-centered lattice), oriented micro-
domains with three ordering directions must exist.
Such a condition has been confirmed using high-resolu-
tion TEM. However, the authors underline that if anion
ordering alone can explain the electron diffraction
patterns, this ordering does not preclude the additional
possibility of a simultaneous cation ordering.

In a recent paper, Watanabe,60 performing very-long-
time annealing (1500 h at 800 °C), stabilized a bcc Bi1-x
LnxO1.5 phase (Ln ) Sm-Dy) with a cell parameter
about twice that of the δ phase. The structure was
solved by Drache et al.61 using XRD and the Rietveld
method in the space group I213. The parameters are
summarized in Table 1. Bismuth ions fully occupy two

Figure 4. Polymorphism dependence on ionic radius for
Bi0.775Ln0.225O1.5. Reprinted with permission from ref 53.
Copyright 1993 Elsevier.
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crystallographic sites whereas the third cation site is
statistically occupied by the remaining Bi ions and all
the Gd ions. The ordered cation sublattice corresponds
to positions slightly shifted from their theoretical ones
in the fluorite subcell. Each cation surrounding is
constituted by an ordered distribution of six anions and
two vacancies. The similarity between the character-
istics of this phase and the conclusions about cation and
anion distribution in a bcc arrangement deduced from
TEM experiments is strong. However, the synthesis
conditions are quite different. Watanabe’s phase60 is
obtained after a prolonged annealing process at 800 °C
(i.e., at a temperature located ∼200 °C above the range
in which the δ phase progressively converts into a
rhombohedral phase). Conversely, the TEM results
indicated that the bcc phase was obtained after anneal-
ing samples at only 500 °C. Some additional experi-
ments are needed to clarify this point. However,
Drache’s structural study61 clearly demonstrates the
possibility, at least at 800 °C, for cation and anion
ordering to occur simultaneously.

The possible existence of a correlation between (cation
and/or anion) ordering and superstructure formation or
phase transformation seems in agreement with the
reported increase of stability of the low-temperature δ
form when two or more cations are used to substitute
for Bi3+. According to Meng et al.,62 who studied
different Bi2O3-(Y2O3, MOx) double-dopant-systems (M
) Nb, Gd, Sm, Pr), the minimum dopant content for
stabilizing the δ form is lower than with single-dopant
systems. This cooperative stabilization effect is at-
tributed to the corresponding increase of entropy in the
multi-doped materials. A similar trend has been evi-
denced in the Bi2O3-CaO-PbO system.63 Although the
δ form cannot be stabilized in both Bi2O3-CaO and
Bi2O3-PbO binary systems, δ can be preserved over a
large range of composition using a double Ca2+, Pb2+

substitution for Bi3+. The same enhancement of δ
stability was also observed when using a seven-rare-
earth-dopant system.64

The favorable effect of the dopant polarizability on
the ionic conductivity has been reported by Omari et
al.65 in the system Bi2O3-Y2O3-PbO. For the same
dopant concentration, the conductivity increases as the
Pb2+/Y3+ also increases (Figure 5).

Among double-dopant systems, high conductivity has
been recently reported within the Bi-Ln-V-O (Ln )
Y, Sm-Dy, Er, Yb) systems.66 The best performances
were evidenced with Ln ) Tb whose samples exhibit
the highest conductivity and the lowest activation
energy. For instance, the conductivity of Bi0.85-
Tb0.105V0.045O1.545 is 10-3 S cm-1 at 300 °C compared
with 0.5 × 10-4 S cm-1 for Bi0.8Er0.2O1.5 at the same
temperature. The reason for introducing V5+ as a
dopant was to increase the number of mobile oxide ions

per unit cell and to take advantage of the catalytic effect
of V5+ ions on oxygen dissociation toward the cathode
reaction.

The comparison of the addition effect of CaO and ZrO2
upon δ stability has been examined by Fung et al.58 In
this study, 2% CaO and 5% ZrO2 were respectively
added to samples corresponding to (Bi2O3)0.80-(RE2O3)0.20
samples (RE ) Er, Yb, Y, Dy). The authors observe a
similar effect for the different RE samples. For in-
stance, in the case of bismuth-erbium oxide, the time
constant associated with the δ w rhombohedral trans-
formation for the undoped and CaO-doped samples
annealed at 600 °C were nearly 330 and 55 h, respec-
tively. On the contrary, no noticeable transformation
occurs in the ZrO2-doped sample. A similar trend is
observed for the conductivity decay that was evidenced,
even in the absence of any trace of δ w rhombohedral
transformation (at least within the first period of the
experiments) for samples annealed at temperatures
e500 °C. However, the kinetics of conductivity decay
are faster than those for cubic w rhombohedral phase
transformation. Figure 6 shows that the corresponding
time constant for undoped and 5% ZrO2-doped sample
is a linear function of the stabilizer ionic radius, which
is in good agreement with a correlation between this
evolution and cation diffusion facility. A similar study
has been performed by Huang et al.67 on CeO2 added to
the (Bi2O3)0.75-(Y2O3)0.25 electrolyte. They confirm the
severe aging problem of this electrolyte if annealed at
600-650 °C. Addition of 5 mol % CeO2 (the solubility
limit being 9%) leads to the optimum oxide ion conduc-
tivity and suppresses the cubic w rhombohedral phase
transformation. The presence of tetravalent cations
that tend to repel oxygen vacancies from their nearest-
neighbor coordination was shown to block the coopera-
tive atomic diffusion that is necessary for the phase
transformation to occur. During this study, attention
was also drawn to the importance of the associated
cathode material, and the oxygen-deficient perovskite
La0.6Sr0.4Co0.2Fe0.8O3-δ was shown to provide a very
efficient oxygen electrode material.

Using a combined approach by Rietveld and micro-
structural analysis, Sooryanarayana et al.68 recently
proposed a mechanism of stabilization for a δ sample

Table 1. Atomic Coordinates for the bcc Bi0.65Gd0.35O1.5
Phase

element
Wyckoff
position

occupation
factor x y z

Bi(1) 8a 1 0.2702(2) 0.2702(2) 0.2702(2)
Bi(2) 12b 1 0.0163(4) 0.0 0.25
Bi(3) 12b 0.066 0.4979(6) 0.0 0.25
Gd 12b 0.934 0.4979(6) 0.0 0.25
O(1) 24c 1 0.373(3) 0.079(5) 0.388(4)
O(2) 24c 1 0.127(4) 0.349(3) 0.139(4)

Figure 5. Composition dependence of σ for (b) Bi0.65(1-x)Y0.35-
Pb0.65xOδ and (O) Bi0.65Y0.35(1-x)Pb0.35xOδ. Reprinted with permis-
sion from ref 65. Copyright 1990 Elsevier.
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with Bi1.6Ho0.4O3 composition. According to the Willis
or Harwig models, Bi3+ and Ho3+ are distributed over
the 4a Wickoff position of the Fm3m space group
whereas the six oxide ions are located in the 32f site
(xxx with x ) 0.3615(80)). From microstructure analy-
sis, using an adjustable model to minimize the difference
between calculated and experimental normalized in-
tensity values, they get an estimated enthalpy that
allows evaluation of the degree of stabilization of a
doped material. The calculated value for the holmium-
doped phase (R* ) 0.03) is lower than that calculated
for the pure δ (R* ) 0.07) or R Bi2O3 (R* ) 0.05) form.
Such an approach is proposed to evaluate the degree of
stabilization of a low-temperature δ phase. However,
taking into account the difficulty to precisely solve the
structure of the highly disordered δ-type phases even
when using neutron diffraction experiments, the results
obtained from powder XRD should be interpreted very
cautiously, especially concerning the oxide ions distribu-
tion whose X-ray diffusion factor is very low when
compared with that of Bi3+ ions.

Rhombohedral-Type Oxide Electrolytes

As previously mentioned, most of the bismuth oxide-
based systems show the existence, in their Bi2O3-rich
part, of a rhombohedral phase first reported by Sillen.69

This phase exhibits high oxygen mobility at moderate
temperature.25,70,71 Conductivity values are usually
close to 1 S cm-1 at temperatures around 700 °C. The
stability domain of the rhombohedral phase as a func-
tion of the dopant concentration strongly varies with
the characteristics of the doping cation. For instance,
with alkaline-earth cations, the maximum stability
range occurs with Sr2+ and the minimum with Ba2+.28,29,72

Conductivity curves usually exhibit a dramatic re-
versible jump at a temperature that is strongly depend-
ent on the nature of the dopant.25,68,70 This jump is
related to an order-disorder phase transition that
results in a sudden increase of the c parameter and is
accompanied by a large enthalpy change. The structure
of the two polymorphs, â2 and â1 for the low- and high-
temperature forms, respectively, was solved by Boivin

et al.73 and Conflant et al.72 The structure of â2 is
represented in Figure 7. It is a layered structure built
up from covalent blocks stacked along the c direction of
the hexagonal cell. Each block contains three cation
layers. The two external layers only accommodate
bismuth cations, whereas the central layer contains the
doping ions and the remaining bismuth cations. Two
anion sites were detected. The first one (O1) is located
near the center of the blocks, and oxide ions on this site
are strongly bonded to cations. The second one (O2) is
located at the periphery of the blocks. The remaining
highly delocalized anions were not detected by XRD but
geometrical considerations led to the conclusion that
they were necessarily located between the blocks and
considered as mainly responsible for the conduction
properties. This hypothesis was supported by single-
crystal conductivity measurements (Figure 8), which
emphasize a strong anisotropic character.74 Their loca-
tion was later confirmed and precisely determined by
neutron diffraction.75-77 It is worth noticing that the
oxide ion conduction layer is bordered on both sides by
a bismuth layer. Examination of the corresponding

Figure 6. Aging time constant comparison between undoped
and 5% ZrO2-doped samples versus the stabilizer ionic radius.
Reprinted with permission from ref 58. Copyright 1993
American Ceramic Society.

Figure 7. â2-Polymorph structure of rhombohedral phases.
Reprinted with permission from ref 72. Copyright 1983
Elsevier.

Figure 8. Single-crystal conductivity measurement on a
Bi0.851Sr0.149O1.425 rhombohedral phase. Reprinted with permis-
sion from ref 74. Copyright 1981 Elsevier.
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bismuth ion coordination polyhedron clearly indicates
that their 6s2 nonbonding electronic pair is oriented
toward this layer and must play an important role in
the conduction process. This is a common feature of the
bismuth-based ionic conductor-layered structures.

High-temperature X-ray and neutron crystal struc-
ture determination showed, at the â2 w â1 transition,
an increase of both the delocalization and the number
of anions in the conduction layer at the expense of those
located near the periphery of the blocks (O2 site). This
evolution versus the temperature is presented in Figure
9.75 The â1 and â2 structures have a close relationship
with the δ structure. The â S δ transition consists of a
shift from an (ABC)-(BCA)-(CAB) sequence (rhombo-
hedral symmetry) to an (ABC)-(ABC)-(ABC) sequence
(cubic symmetry). This shift only involves a relative
glide of the blocks within the conduction layers. This
glide is particularly easy because the chemical bonds
there are very weak because of the high mobility of the
oxide ions in these layers.

The rhombohedral phases are thermodynamically
stable phases. So, many works have been focused on
them for developing applications. One of their weak-
nesses could be the occurrence in most cases of a â2 S
â1 transition. However, this transition is quite soft; that
is, most of the structural features are maintained
through the transition. Moreover, both low- and high-
temperature phases are pure ionic conductors. To
evaluate the possible use of rhombohedral phase in
SOFCs, Baek and Virkar78 examined the stability of
alkaline-earth derivatives in a reducing atmosphere.
The best results were obtained for (Bi2O3)1-x-(SrO)x
samples with x ) 0.43. The p(O2) reduction (8 × 10-14

atm at 630 °C) is four times lower than for pure Bi2O3.
However, this value still remains too high for applica-
tion in SOFC. These authors claimed that the stability
may be strongly enhanced by coating the bismuth-based
electrolyte with a thin layer of zirconia on the side
exposed to the fuel.79

The layered rhombohedral alkaline-earth oxide con-
ductors have also been used recently for iodine inter-
calation.80,81 In agreement with the structural and
electrical features, iodine is intercalated in the conduc-
tion layer. As a consequence, the a parameter is little
affected by the intercalation process. On the contrary,
an expansion for the c parameter of 9 Å has been
observed (i.e., 3 Å per layer). The Raman spectra show

evidence of I3- species and possibly of I5- species. The
behavior of this phase is very similar to that observed
for bismuth cuprate high Tc superconductors and could
offer opportunities for new developments.

Perovskite-Type Oxide Electrolytes

Materials that adopt the very stable perovskite-type
structure are involved in many domains where high
performance electrical properties are needed. These
domains include electronic conductors, ferroelectric
materials, and high Tc superconductors. The reason
perovskite-type oxide electrolytes are desirable in these
situations is the great geometrical and chemical flex-
ibility of the perovskite structure. The ideal structure
is presented in Figure 10. This structure corresponds
to the basic formula ABO3 were A can be a single-
charged, 2+, or 3+ cation, and B, depending on the A
oxidation state, is a 5+, 4+, or 3+ cation, respectively.
Depending on the relative size of A and B ions, the ideal
cubic symmetry of the unit cell may progressively lower
according to the importance of the deviation of the (RA

+ RO)/(RB + RO) ratio from the ideal x2 value.
Substitution of A or/and B cations by aliovalent

dopants is, like in fluorite materials, an easy way to
introduce vacancies in the anion network that may lead
to significant oxygen mobility. It must however be
emphasized that a too large number of vacancies can
induce structural deformations. A strong lowering of
the lattice symmetry will be clearly incompatible with
high oxygen mobility because of the noncrystallographic
equivalence of the different vacancy and oxygen sites.
The oxygen vacancies may also become ordered as, for
instance, in the brownmillerite structure.

From an historical point of view, perovskite phases
have been first considered as possible electrode materi-
als for SOFCs, and numerous studies have been devoted
to various doped lanthanum manganites and cobaltites
exhibiting high electronic conductivity and specific
electrochemical activity toward oxygen dissociation.

The first report of the existence of oxide conductivity
in a perovskite material was made by Takahashi et al.82

on a calcium-doped lanthanum aluminate, but the
discovery of really attractive oxygen conduction proper-
ties is rather recent. Some of these research works were
dictated by the predictive approach of Cook and Sam-
mels83 who define three optimized criteria for a high

Figure 9. Structure of the â1-rhombohedral polymorph.
Reprinted with permission from ref 75. Copyright 1994
Academic Press.

Figure 10. Polyhedron stacking in perovskite-type structure.
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oxide ion conductivity in perovskite materials: a low
mean value of metal-oxygen bonding energy, an open
structure (high free volume), and a critical cation
bottleneck for O2- migration as large as possible. These
criteria mean that both the A and B cation radius and
valence state are determining factors.

Two types of materials have been investigated aiming
at different industrial applications: pure and mixed
ionic electronic conductors. One of the first attempts
to find a competitive perovskite ionic conductor was
made by Goodenough et al.84 The best performances
are obtained with doped LaGaO3 perovskite. Feng et
al.85 proposed a new doped perovskite both on the A and
B sites, La0.9Sr0.1Ga0.8Mg0.2O2.85, whose conductivity at
750 °C is close to 0.1 S cm-1. These results are in
agreement with those published at nearly the same time
by Ishihara et al.86 who studied the effect of various
dopants at the La and Ga sites on the conductivity
(Figure 11). On the La and Ga sites, the best results
among the alkaline-earth cations are obtained for Sr2+

and Mg2+, respectively. The use of electropositive
dopant cations allows one to dispose of a stable material
under low oxygen partial pressure with conductivity
values higher than those obtained for zirconia- and
ceria-based fluorite electrolytes. For instance, the
conductivity was shown to be insensitive to p(O2) down
to 10-20 atm for samples La0.9Sr0.1Ga1-xMgxO3 (0 e x e
0.15) at 1123 K.

The same authors extended their study to the family
(La0.9Ln0.1)0.8Sr0.2Ga0.8Mg0.2O3-δ, with Ln ) Y, Nd, Sm,
Gd, or Yb.87 The conductivity decreases in the order
Nd > Sm > Gd > Yb > Y. This variation is an
illustration of the effect of the crystal lattice symmetry
on the oxygen mobility: the conductivity decreases
linearly with the departure (tolerance factor) from the
ideal ion radii ratio for a cubic perovskite structure.
Among the different samples investigated, the most
promising material has the composition (La0.9Nd0.1)0.8-
Sr0.2Ga0.8Mg0.2O2.8. The presence of a small amount of
Nd in the La site leads to suppression of any hole
conduction in the high oxygen partial pressure range.
This material exhibits a pure ionic conduction (0.5 S
cm-1 at 1223 K) from 1 to 10-21 atm between 1000 and
1300 K.

As previously pointed out, many defect perovskite
materials offer the opportunity, under appropriate
oxygen partial pressure, to combine ionic and electronic
conductivity. For this reason, perovskite materials are
particularly investigated as mixed conductors for de-

veloping pressure-driven dense membranes. Such mem-
branes are able to separate oxygen without the need of
an external power source and are particularly attractive
for syn-gas (CO/H2) production directly from natural gas
such as methane. For such an application, the material
must be able to provide high oxygen flux. That means,
a high total conductivity with an optimized ionic-
electronic balance over a large range of oxygen partial
pressure.

Terakoa et al.88 investigated double-doped (A and B
sites) perovskites and evidenced that the La1-xSrxCo1-y-
FeyO3-δ family exhibits attractive oxygen permeation
properties associated with a good efficiency toward
oxygen reduction, particularly when the number of
different transition metals in the B site increases.
Because of these results, special attention has been
focused on this family, and the oxygen fluxes depen-
dence on x and y values has been extensively investi-
gated. The precise electronic and ionic properties
strongly depend on these values because they deter-
mine, as a function of the temperature, both the mean
valence of mixed A and B sites and the departure from
O2 stoichiometry (i.e., the number of vacancies and the
correlated anionic mobility).

Tai et al.89,90 reported that in the La1-xSrxCo0.2Fe0.8O3
system, the samples belong to the perovskite type up
to x e 0.4. The electronic contribution is p type and
due to hopping of small polarons, the charge carriers
are created by the Sr2+ acceptor dopant and by Co3+

disproportionation into Co2+ and Co4+. The Sr content
is compensated by a double mechanism: the formation
of Fe4+ ions and the creation of oxygen vacancies, their
relative proportion being temperature dependent. As
a consequence, the total conductivity decreases from 600
°C (Figure 12). This decrease was attributed both to
the decrease of the carrier concentration and to their
lower mobility due to a scattering mechanism by oxygen
vacancies whose number increases with the tempera-
ture.

In the (La,Sr)(Fe,Co)Ox system, Balachadran et al.91

have reported a new mixed conducting phase SrFeCo0.5Ox
in which the ionic and electronic conductivity contribu-
tion are both high and nearly equal at 800 °C in air.
The oxide ion transference number is close to 0.4, and
the activation energy for ionic conduction is only 0.37
eV. This phase, with B/A cation site occupation equal
to 1.5, is neither a purely cubic perovskite nor a

Figure 11. Effect of various cations substitution for La and
Ga sites in LaGaO3 at p(O2) ) 10-5 atm. Reprinted from ref
86. Copyright 1994 American Chemical Society. Figure 12. Relative changes in site occupancy and conductiv-

ity of La0.6Sr0.4Co0.2Fe0.5O3 as a function of the temperature.
Reprinted with permission from refs 89, 90. Copyright 1995
Elsevier.
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brownmillerite-type material in which the correspond-
ing ratio is unity. The mixed conductivity arises from
a Frenkel disorder in the oxygen sublattice.92 This
material was shown to deliver oxygen fluxes varying
from 6 to 10 mL cm-2 min-1 in the range 850-950 °C.

Brownmillerite Oxide Electrolytes

The general formulas of a brownmillerite oxide is A2-
BB′O5 (from the original mineral Ca2FeAlO5) but in
several attractive oxide conductors, B and B′ are identi-
cal. The brownmillerite structure is closely related to
the perovskite one; they only differ by the oxygen
vacancy distribution. Phase transitions often occur in
brownmillerite materials versus the temperature and
are accompanied by an increase of the disorder, so the
frontier between disordered brownmillerites and true
oxygen-deficient perovskites is not always clearly de-
limited.

In oxygen-deficient perovskites, the vacancies are
statistically distributed over all the oxygen sites leading
to the characteristic 3-dimensional network of corner-
sharing octahedra. The brownmillerite structure con-
tains 16.66% intrinsic oxygen vacancies that are ideally
ordered along the [110] direction, but some more
complex distributions can occur. Starting from the
perovskite octahedra-linking model, a row of equatorial
oxygen is missing every two rows in alternate (001) BO6
layers. (Figure 13). This pattern results in a new
stacking sequence with alternate BO6 distorted octahe-
dra perovskite (O) and BO4 corner-sharing tetrahedra
layers (T): ...OTOTOT.... The corresponding orthor-

hombic cell is related to the cubic perovskite one by the
relations: aorth = acubx2, borth = 4ccub, corth = acubx2.

The first report of significant oxygen mobility in a
brownmillerite structure phase was made by Good-
enough for Ba2In2O5.93 The conductivity at 800 °C is
close to 10-3 S cm-1 (for p(O2) ) 10-6 atm) and jumps
to 10-1 S cm-1after an order-disorder transition in the
oxygen-vacancy network. The exact nature of this
transition has been studied using various high-temper-
ature techniques by Adler et al.94 These authors arrived
at the conclusion that the transformation occurs in two
steps. At the transition temperature, the tetrahedral
layer converts into a deficient octohedral perovskite
layer OD, and the structure remains orthorhombic with
a ...OODOODOOD... sequence. At higher temperature,
the vacancy disorder extends to all the layers, leading
to a pure oxygen-deficient ...ODODODODODOD... cubic
perovskite sequence.

The aliovalent doping strategy was used in these
materials to stabilize one of the two high-temperature
forms. Goodenough93 substituted cerium for indium.
For the composition Ba2In1.75Ce0.25O5.125, the conductiv-
ity jump is no longer observed. However, a break occurs
at a temperature close to 850 °C. In the low-tempera-
ture region, the conductivity is ∼1 order of magnitude
higher than the conductivity of Ba2In2O5, typically 10-2

S cm-1 at 700 °C, but somewhat lower at temperatures
above the Ba2In2O5 order-disorder transition. The
activation energy at high temperature is nearly the
same in both the doped and undoped materials. The
lower conductivity in the high-temperature range is
probably due to the decrease of the total number of
vacancies. The increase of activation energy below the
break may be attributed to an additional trapping
energy due to the presence of the aliovalent dopant
cations.

Several other ABO5(δ brownmillerite-type phases
have been proposed by substituting for barium and/or
indium. The best performances have been reported for
the double-substituted Ba2(GdIn1-xGax)O5 solid solution,
which exhibits a conductivity value of 5 × 10-3 S cm-1

at 600 °C.
Several brownmillerites and related phases were

shown to be highly sensitive to moisture, leading to
unexpected high O2- conductivities at low temperature.
This result is particularly true when substituting Zr4+

for In3+. Goodenough95 paid particular attention to this
problem and analyzed the reasons for the behavior in
BaZr1-xInxO3-0.5x. The conclusion was that the large
Ba2+ ion stabilizes 12-fold oxygen coordination and Zr4+

stabilizes 6-8 oxygen near neighbors. Therefore, water
diffuses into the oxygen-deficient network to provide
greater coordination to the cations, leading to proton
conduction. These “fast oxygen conductors” are, in fact,
attractive proton conductors at moderate temperature
(=300-700 °C). This problem (when looking for oxide-
ion conductors) can, however, be overcome by substitut-
ing La for Ba rather than Zr for In. Goodenough95

reports that (Ba1.2La0.8)InO5.4 has an oxide ion conduc-
tivity (10-2 S cm-1 at 700 °C) very close to that of yttria-
stabilized zirconia but it also degrades with time at 800
°C.

During a study of Ba2In2O5 stability, Zhang et al.187

emphasized the reducibility of In3+ ions leading to

Figure 13. Schematic brownmillerite structure.
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n-type conduction for even modestly reducing atmo-
spheres. Ba2In2O5 was also shown to degrade in CO2
atmosphere with formation of BaCO3 and loss of In2O3.
These authors suggested replacing In3+ with an element
with a more stable 3+ oxidation state, like Y, Er, or Ga.
When investigating the Ba-In-O for stabilizing new
fast-layered-structure oxide conductors around 400 °C,
Goodenough et al.96 revealed another family with the
general formula Ba3In2MO8 (M ) Zr, Hf, Ce). This idea
was supported by the publication of a paper from
Abraham et al.97 which emphasized the exceptional
oxide ion conductivity of an Aurivillius-type layered
structure. Searching for new materials in which per-
ovskite blocks alternate with other layers along the
c-axis to give an intergrowth structure, Goodenough and
co-workers98 considered Ba3In2MO8 as the second term
(n ) 2) of an intergrowth of a ...(O)nT... series in which
the n ) 1 term corresponds to the brownmillerite and
the n ) ∞ corresponds to the perovskite structure.
However, later careful examination of these materials
led these authors98 to conclude that the actual structure
was cubic with disordered oxygen vacancies. As for the
Ba2In2O5-type phases, proton conduction must take
place at moderate temperature. As a general law, it
seems, from these results, that the T layer increases
the sensibility to moisture by making insertion of H2O
molecules easier.

Ruddlesden-Popper-Type Oxide Ion
Electrolytes

The search for new highly conductive intergrowth
structures in which perovskite layer(s) alternate(s) with
one or several different structure type layers led Navas
et al.5 to get interested in Ruddlesden-Popper phases.
The general formula of these phases can be written
An+1BnO3n+1. The structure consists of n ABO3 perovs-
kite layers sandwiched between two AO rock-salt layers
(Figure 14). Sr3Ti2O7, for instance, corresponds to the

n ) 2 term of the series. The first evaluation of the
conductivity of these phases was conducted by Turillas
et al.99 on Sr3Ti1.9M0.1O7-x (M ) Al3+, Mg2+). Navas et
al.5 extended their study by carrying out substitutions
in the B site of the perovskite layers of Sr3(M2-x,M′x)O7-x/2
with M ) Ti4+, Zr4+ and M′ ) Al3+, Ga3+, In3+. They
reported the conductivity variation for 0 e x e 0.20. The
best conductivity at 950 °C is equal to 1.6 × 10-3 S cm-1,
which is nearly identical for M ) Ti4+ and M′ ) Ga3+ (x
) 0.25) or In3+ (x ) 0.10). Activation energies lie in
the range 0.8-0.9 eV during cooling cycles. However,
a high p-type contribution to the conductivity was
observed at high p(O2) (>10-5 atm). In the range 10-5-
10-15 atm, the conductivity is mainly ionic (independent
of p(O2)) but remains very low: 10-5 S cm-1 at 700 °C.
The authors provide a possible explanation involving
the 2-dimensionality for the low ionic conductivity when
compared with other oxygen-deficient perovskite ma-
terials. The reason could be a bit more complex because
of the behavior of some brownmillerite phases. The
limited number of investigated phases and the lack of
precise structural data do not allow definitive conclu-
sions to be drawn about the ability of these types of
material to provide useful oxide electrolytes

Pyrochlore Oxide Electrolytes
The pyrochlore structure has received careful atten-

tion for a long time because of the high-temperature
stability and the various potential domains of applica-
tions of materials that adopt this structure. Pyrochlore
materials can be used as solid electrolytes, oxygen
electrodes, catalysts, and so on. The general formula
A2B2O6O′1-δ illustrates the well-known ability of the
structure to accommodate oxygen nonstoichiometry. The
pyrochlore structure belongs to the Fd3m space group.
The bigger A cation is located in the 16d site (0.5, 0.5,
0.5), and the smaller B cation is in the 16c site (0, 0, 0).
Six oxygen atoms are in a 48f site (x, 0.125, 0.125),
whereas the remaining oxygen atoms partly or fully
occupy the 8b site (0.375, 0.375, 0.375). The structure
can be described as an ordered, oxygen-deficient fluorite
structure. It contains 25% oxygen vacancies for the
stoichiometry A2B2O7 (i.e., one vacancy per fluorite cubic
unit cell). Because of the ordered vacancy distribution,
the cubic unit cell parameter of the pyrochlore is twice
the fluorite one. Eight fluorite cubes are needed to fully
describe the pyrochlore arrangement. These cubes can
be divided in two groups. In type I cubes, the oxygen
vacancy is located in the 3/4, 3/4, 3/4 tetrahedral site of
the fluorite cell, and in type II cubes, the vacancy is
located in the 1/4, 1/4, 1/4 tetrahedral site. In the
pyrochlore structure, types I and II are arranged in such
a way that a type I cube shares faces only with type II
cubes. This representation (Figure 15) offers the ad-
vantage of easily determining the correlation with the
fluorite structure. Another approach consists of de-
scribing the structure as built up from corner-sharing
B2O6 octahedra. This network provides large 3-dimen-
sional hexagonal tunnels along which are running (-A-
O-A′-) chains. These chains easily accommodate
oxygen and cation nonstoichiometry, leading when both
anion and cation are missing to the WO3 pyrochlore
structure.

The most extensive research on pyrochlore oxide
electrolytes has been conducted by Tuller’s group from

Figure 14. Schematic Ruddlesden-Popper phase structure.
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Cambridge, MA.100,101 They focused their investigations
on Gd2Ti2O7- and Gd2Zr2O7-based conductors in par-
ticular. The Gd2(Ti1-xZrx)2O7 solid solution is of a great
interest because the x ) 0 member is an ionic insulator
whereas the x ) 1 end member is a very good oxide ion
conductor. As a consequence, the x value enables one
to control the σi/σe ratio over several orders of magni-
tude. Doping of the “A” site with Ca2+ and the “B” site
with Al3+ in Gd2Ti2O7 has been performed by Tuller et
al.101 For calcium-doped samples, the ionic conductivity
at 1000 °C quickly increased from 10-4 S cm-1 for pure
Gd2Ti2O7 up to 5 × 10-2 S cm-1 for samples doped with
x ) 10% mol of Ca2+. For higher Ca2+ doping rates,
the conductivity remains nearly constant up to x ) 15%.
This value exceeds the conductivity of Gd2Zr2O7 and is
within a factor of 2 of that for yttria-stabilized zirconia.
As usually observed, the activation energy decreases as
the ionic conductivity increases; it varies from 0.94 eV
for Gd2Ti2O7 down to 0.63 eV for the 10% doped sample.
A similar trend was observed for the low Ti4+/Al3+

doping values (x e 0.10). At higher dopant concentra-
tion, the conductivity quickly decreases. Conductivity
measurements as a function of p(O2) indicate a signifi-
cant dependence of the ionic and electronic relative
contributions on the calcium dopant concentration. All
samples exhibit n-type conductivity at low p(O2), ionic
conductivity at intermediate p(O2), and p-type conduc-
tivity at high p(O2). The most striking feature is the
rapid extension of the ionic domain as the Ca2+ ratio
increases. For instance, at 800 °C, the electrolytic
domain of a 0.25% Ca2+-doped sample extends from 10-4

to 10-12 atm, this domain ranges from 10-1 to 10-20 atm
for 5% Ca2+-doped samples. These studies showed that
doped pyrochlore may exhibit conductivity values with
the same order of magnitude as stabilized zirconia. The
possibility of adjusting the electronic and ionic contribu-
tions by doping shows that optimized pyrochlores may
be considered for the conception of dense MIEC mem-
branes. As pointed out by Tuller,101 enhanced electrode
performances may be expected from MIEC in which
both σi and σe are high. So, special attention has been
drawn to materials in which instead of increasing σi at
the expense of σe or vice versa, it was possible to boost
both contributions. This effect could be achieved using
multivalent acceptor elements as “B” site dopants. A

satisfactory tendency has been observed with Mn-doped
Gd2Ti2O7 samples. Attractive results have also been
published using Ru or Mo dopants.102

Anti-r-AgI Oxide Electrolytes
The R form of silver iodide is a well-known efficient

Ag+ conductor. The conductive form is reached at 145
°C after a phase transition from the â low-temperature
wurtzite-type structure to a bcc-type structure. This
transition is associated with a large thermal effect (of
the same order of magnitude as the heat of melting).
This large thermal effect is characteristic of a large
increase of the entropy of the material, something like
the melting of a subnetwork, which here is the Ag+

network that looks like a liquid. On Fourier synthesis
calculated from XRD intensities, Ag+ ions appear delo-
calized over a large number of sites (the tetrahedral 12d
sites and the 24h intermediate sites). The presence of
the highly polarizable I- ions also contributes to the
large σ values.

Honnart et al.103 described a very similar situation
in the bismuth-lead oxide system. They evidenced a
large range of solid solution named â that exhibits, at
600 °C, conductivity values of the same order of mag-
nitude as those reported for R AgI at 200 °C; that is,
∼1 S cm-1. The activation energy is also particularly
low; that is, <0.50 eV. Transference number measure-
ments evidenced a pure anionic conductivity. As for
AgI, the phase converts on cooling into a low-tempera-
ture form: the exact nature of this form depends on the
composition and the cooling conditions. Powder neutron
diffraction structure investigations led to a model in
which the location of cations and anions was reversed
compared with R AgI (Figure 16). It is worthwhile to
emphasize that the highly polarizable isoelectronic and
randomly distributed Bi3+ and Pb2+ play the same role
as the I- anions in AgI. The bismuth-lead phase has
been used to separate oxygen gas up to current densities
of ∼500 mA cm-2 20,21 using mixed electrodes constituted
by co-pressed gold grids at the surface of the electrolyte.
Because of the strong tendency of the material to
crystallize, ZrO2 was added to the electrolyte to act as
a mechanical barrier between grains to prevent them
from crystal growth. This addition resulted in a net
increase of the mechanical resistance of the membrane
without any significant loss of the conductivity.

The highly conductive â phase was also evidenced in
the Bi2O3-CdO, Bi2O3-CdO-PbO,104 Bi2O3-Sb2O3-

Figure 15. Schematic pyrochlore arrangement. Reprinted
with permission from ref 183. Copyright 1994 Elsevier.

Figure 16. Anti-R-AgI-type bismuth-lead oxide structure
(adjacent oxygen tetrahedral sites cannot be occupied at the
same time).
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PbO, and Bi2O3-Ln2O3-PbO (Ln ) Gd, Dy, Tm)105

systems. The mechanical properties of the sintered
material are improved by Sb substitution. The conduc-
tivity slightly increases in the order Sb < Tm < Gd <
Dy. Experiments have been conducted by Fee et al.106

on copper- or nickel-added â samples to increase their
mixed conductivity and evaluate their oxygen perme-
ability. At 610 °C, oxygen permeated through a pellet
at a rate of 10-6 mol min-1 cm-2.

The anti-R-AgI oxide-type structure provides a class
of materials with exceptional anionic conductivity val-
ues. No other material has ever been reported that
exhibits a pure oxide ion conductivity value as high as
1 S cm-1 at only 600 °C. However, the highly disordered
liquidlike 3-dimensional oxygen network, whose forma-
tion is associated with a strong endothermic effect (large
entropy increase), necessarily appears very near the
melting temperature of the sample, which precludes the
use of such materials for industrial applications. How-
ever, such a structural feature offers an interesting
model. One can expect that a similar liquidlike model
in a layered structure would not suffer the same
limitation for the temperature range of stability.

(Bi2O2)(An-1BnOx) Aurivillius-Type Oxide
Electrolytes

n ) 1 Aurivillius-Type Electrolytes. The first evidence
of high oxide ion conductivity in an alternate (Bi2O2)2+

layer/perovskite layer structure was published in 1988
by Abraham et al.107 These authors evidenced a new
phase, Bi4V2O11,107 which was simultaneously reported
as a new ferroelectric material in several Soviet
publications.108-112 The nonlinear properties have led
to numerous publications that are out of the scope of
this review.113-121 In 1988, Abraham et al.107 showed
that Bi4V2O11 exhibits two main reversible phase tran-
sitions: R S â at 450 °C and â S γ at 570 °C. They
emphasized the existence of a very high oxide ion
conductivity in the γ-domain: 0.1-1 S cm-1 (Figure 17).
The structure of the different forms early appeared as
very complicated. The high temperature γ form crystal-
lizes in the tetragonal I4/mmm space group with the a
parameter close to that of the perovskite ap ∼ 3.9 Å.
From a structural point of view, Bi4V2O11 can be written
(Bi2O2)2+(VO3.500.5)2- and considered as the first mem-

ber (n ) 1) of the Aurivillius family, like Bi2WO6 or Bi2-
MoO6. The average V-O polyhedron appears as a
squashed octahedron, and the different oxygen-deficient
octahedra are connected by sharing corners, leading to
a ReO3 layer. The idealized γ structure, in which the
oxygen vacancies have been ignored, is represented in
Figure 18. On cooling, ordering of oxide ions and
vacancies occurs in the perovskite layer leading for â
to an orthorhombic cell with aâ ) 2apx2, bâ ) apx2, câ

) cp, and for R to a monoclinic cell with aR ) 6apx2, bR

) apx2, cR ) cp, â ) 90.24°. The monoclinic distortion
disappears as soon as a small amount of impurities or
dopant is introduced into this phase, leading to an
orthorhombic symmetry.

Because of the very attractive conduction properties
of the γ form, attempts to stabilize this phase were
undertaken using a doping strategy. These attempts
led to a paper from the Lille group in France122 in which
the first member of a new family of very fast oxide ion
conductors named BIMEVOX was described. The BICU-
VOX.10 phase (BICUVOX for bismuth copper vanadium
oxide) can be formulated Bi2V1-xCuxO5.5-3x/2 with x )
0.10. The conductivity Arrhenius plot (Figure 19) shows
that the phase transitions that characterized Bi4V2O11
are no longer present. The plot shows the existence of

Figure 17. Bi4V2O11 conductivity as a function of the tem-
perature. Reprinted with permission from ref 107. Copyright
1988 Elsevier.

Figure 18. Idealized γ-Bi4V2O11 structure.

Figure 19. Arrhenius plot for BICUVOX. Reprinted with
permission from ref 122. Copyright 1990 Elsevier.
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two linear γ/γ′ regions with slightly different activation
energies. This behavior was confirmed by different
authors.123-128 As expected, because of the layered
structure, single-crystal conductivity measurements
exhibit a strong anisotropic character that was observed
both for Bi4V2O11

129 and different BIMEVOX like BICU-
VOX,128,130 BICOVOX,131 or BINIVOX samples130 (Fig-
ure 20).

Numerous dopants are able to substitute for vana-
dium and, depending on the nature of this dopant and
its concentration, yield solid solutions with R-, â-, and
γ/γ′-type Bi4V2O11 structures. These structures cor-
respond to a different degree of ordering and incom-
mensurability. Bi4V2O11 itself is the upper limit of a
narrow solid solution domain that extends toward the
Bi-rich part of the Bi2O3-V2O5 diagram.132,133 The
equilibrium limit according to the formulas 2Bi2O3 and
xV2O5 was determined to be 0.96.132

Following the initial paper of Abraham et al.122 on
BICUVOX material, >100 publications have appeared
about the synthesis, electrochemical characterization,
and structural studies of BIMEVOX phases.

Because of the existence of solid solutions, the correct
description needs to examine the BIMEVOX phases as
part of Bi2O3-V2O5-MxOy ternary diagrams.132-137

Figure 21 presents an example of such a diagram for
MxOy ) ZnO. As the zinc proportion increases, the
structure of the stabilized phase changes from R- to
â-type and then to γ-type. The most striking feature is
that there is no extension off the Bi4V2-2xZn2xO11 line
toward the (V + Zn)-rich part of the diagram. This
feature was reported as being common whatever the
nature of MxOy. There was some discrepancies about
that conclusion with other authors.135-137 Lazure et
al.134 carefully examined that point for a BICOVOX solid
solution. By means of density measurements and X-ray
structure determinations, these authors eliminated the
possibility for any cations to be located in interstitial
sites. In all the area of the solid solution, the ratio ∑-
[atoms in Bi sites (Bi2O2

2+ sheets)]/∑(atoms in V sites)
remains constant and equal to 2, which means that both
Bi and Co can substitute for V sites, leading to an
extension from Bi4V2O11 only toward Bi2O3 and/or MxOy.
Figure 22 summarizes through the periodic table, the
elements that have been shown to substitute for the
vanadium (and in some case for the bismuth) in
Bi4V2O11.

Different single-valent substitutions for vanadium,
Li+,138 Na+,136 and K+,137 were found to be possible at
different doping levels. The Li phase belongs to the
R-type structure for x ) 0.10 and to the γ-type for x )
0.20. However, the occurrence of a jump in the conduc-
tivity curve of the x ) 0.20 sample is not in agreement
with the usual behavior of the γ phase. At least for this
reason, the σ value remains rather low (0.25 × 10-6 S
cm-1 at 500 K). In their study, Lee et al.137 concluded
from electron probe microanalysis, that Na-doped (x )
0.10) materials were single phase whereas the K-doped
materials were polyphasic with very little amount of K
present in the main BIMEVOX phase. Clearly, the M+-
doped materials do not offer any significant advantages.

The family of M2+-substituted phases has been the
most widely investigated. From an historical point of
view, the Cu2+ derivative has been the first reported
member of the BIMEVOX family. It also later appeared
that the copper phase is one of the most (may be the
most) attractive because of its very high conductivity:
10-2 S cm-1 at 350 °C.139 As a consequence, many
electrochemical characterizations of this phase have
been performed,123,126,127,135,140-143 all leading to the
conclusion that the BICUVOX phase exhibits an excep-
tional oxide ion conductivity at low temperature (<500
°C). The conductivity is ∼2 orders of magnitude higher
than that of other oxide ion conductors in this temper-
ature range. Many other M2+ substitutions have

Figure 20. Anisotropic character of the conductivity in
BICUVOX. Reprinted with permission from ref 130. Copyright
1994 Elsevier.

Figure 21. Domains of stability of R-, â-, and γ-polymorphs
in Bi2O3-V2O5-ZnO diagram. Reprinted with permission from
ref 132. Copyright 1996 Elsevier.

Figure 22. Table of the elements that have been shown to
substitute for V in Bi4V2O11.
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been performed with Co2+,134,135,141,144 Ni2+,141,145,146 Zn
2+,132,135,138,146 Mg2+,141,147 Ca2+,Sr2+,135,148 and Pd2+.141

Depending on the cation, they lead to stabilize the â-
or the γ-type phase. For instance, along the Bi2V1-xZnx-
O5.5-3x/2 line, the â phase is stable for 0.075 < x e 0.13
and the γ phase for 0.13 < x e 0.25.132 The evolution
as a function of the temperature of the R- or â-substi-
tuted phase can be rather complex and different upon
heating or cooling. Figure 23 represents the XRD
powder pattern of a Bi2V0.95Co0.05Oδ sample.134 On
heating, there is a direct R w γ transition, whereas two
successive γ w â and â w R transitions occur on cooling.
This result underlines the high sensitivity of some of
these phases to the thermal history, and this parameter
will have to be taken into account for application of
BIMEVOX phases.

The M3+ cation can also substitute for V5+and such
doped phases have been obtained with Al3+,138,141 Cr3+

and Fe3+,149 In3+,141 and Y3+ and La3+ 147 and, in a
limited amount, with rare-earth cations (<5 mol % for
Gd3+ and Nd3+).150 In the latter case, the substitution
probably occurs on the bismuth sites. The conductivity
reported for a La-substituted phase is 1.4 × 10-4 S cm-1

at 300 °C and 1.1 × 10-1 S cm-1 for an Al-doped phase
at 600 °C.147 The BICRVOX family only belongs to the
R-type. When the substitution rate x in Bi4V2-xCrxO11-x
is >0.05, a direct reversible R S γ phase transition
occurs for all compositions of the solid solution and the
conductivity at low temperature dramatically decreases
compared with that of R-Bi4V2O11. Substitution for V5+

with Fe3+ leads successively to R-, â-, and γ′-type phases
with increasing amounts of Fe. The best performance
at low temperature is ∼10-4 S cm-1 at 300 °C.

In addition to Ge4+, which has been mainly investi-
gated for its ferroelectric characteristics,138 Ti4+ has
been the most widely characterized derivative from the
Me4+ BIMEVOX because of its especially high ionic
conductivity. For Goodenough et al.,141,151 the most
promising composition is Bi4V1.8Ti0.2O11-δ. Yan et al.152

analyzed the conductivity variation as a function of the
Ti4+ content. They conclude that the highest ionic
conductivity is observed in Bi4V1.70Ti0.30O10.85 (σ500K )
4 × 10-4 S cm-1) among the four M4+-substituted phases
they studied (M ) Pb, Zr, Sn, Ti). The conductivity
varies in the order σ(Ti) > σ(Sn) > σ(Zr) > σ(Pb). This trend
is in agreement with the decreasing of the total activa-
tion energy according to Kilner et al.153 These authors
pointed out the importance of the defect pairs that are
formed due to the interaction between oxide ion vacan-

cies and aliovalent cations in substituted oxides; that
is, the larger the mismatch between host and dopant
cation radius, the higher the association energy. Yang
et al.154,155 prepared Mn derivatives starting from MnO2
as the dopant. They evidenced the tetragonal γ phase
for 10-25% of Mn dopant on the vanadium sites.
Magnetic susceptibility measurements indicated that
the manganese ions are predominantly present as Mn3+

ions. At high temperature (T > 650 °C), some Mn3+ is
reduced to Mn2+. The transference number ranges from
0.67 at 550 °C to 0.82 at 850 °C for Bi2V0.8Mn0.2O5.3.
Measurements of the oxygen permeation flux lead to
values close to 1.5 × 10-8 mol s-1 cm-2 at 800 °C. These
values are significantly lower than those obtained with
SrCo0.8Fe0.2O3-x.

Isovalent M5+ substitutents, such as Sb, Nb, and Ta,
are known to predominantly accommodate octahedral
coordination. They lead to the largest domain of solid
solution.141,156 This result is also likely due to the
equality of charge between the doping cation and the
vanadium, thereby keeping constant the number of
oxygen vacancies. Nearly 50% of the vanadium can be
substituted by Sb, Nb, or Ta. Regarding the conductiv-
ity values156 for the same compositions, antimony
phases exhibit higher performances than niobium ana-
logues. The σ values obtained with Bi4V2-xSbxO11 (σ )
10-2 S cm-1 at 320 °C) are similar to those obtained
with the best BIMEVOX previously described (Me ) Cu
or Ti). This similarity makes these derivatives espe-
cially attractive.

As previously pointed out, the Bi4V2O11 structure is
closely related to that of Bi2WO6 or Bi2MoO6. Surpris-
ingly, Goodenough et al.141 did not succeed in synthesiz-
ing ME ) W or Mo BIMEVOX phases. According to
Vannier et al.157 and Mairesse,158 such phases do exist.
The Bi2V1-xMoxO5.5-x/2 solid solution is obtained up to
x ) 0.225. For x < 0.05, the solid solution belongs to
the R-type, whereas for 0.05 < x < 0.225, it becomes
the â-type. Because the V5+/Mo6+ substitution implies
a decrease of the number of oxygen vacancies and
because the conductivities remain practically the same
over all the composition range, it clearly appears that
the predominant parameter determining the conductiv-
ity performances is the specific structural arrangement.
The oxide ion/vacancies number ratio is only a second-
order parameter.

Another interesting example of V5+ w M6+ substitu-
tion is provided by U6+ cations. Bismuth uranate Bi2-
UO6 also exhibits a high oxide ion conductivity at
moderate temperatures.159 Figure 24 emphasizes some
similarities between Bi4V2O11 and Bi2UO6 structures.
Both are layered structures with alternating octahedra-
based (vanadium) or bipentagonal pyramidal-based
(uranium) layers and Bi-O layers. However, in BI-
MEVOX materials, the conduction undoubtedly occurs
in the perovskite (octahedra) layer whereas in Bi2UO6
it has been suggested that oxide ion migration would
occur in Bi-O layers.159 Thery et al.160 have reported
a Bi2V1-xUxO5.5+x/2 solid solution in the range 0 e x e
0.125. For 0 e x e 0.06, the solid solution belongs to
the R-type, whereas a γ-type occurs for higher x values.
This material constitutes the only example of an M6+-
doped γ-type phase. Figure 25 represents the Arrhenius
plots of conductivity for BIUVOX.10 and BIUVOX.125
compared with that of BICUVOX.10 and Bi2UO6. The
high-temperature conductivity is very close to that of

Figure 23. X-ray diffraction powder pattern for Bi2V0.95-
Co0.05Oδ as a function of the temperature. Reprinted with
permission from ref 134. Copyright 1995 Royal Society of
Chemistry.
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the BICUVOX phase. However, because of the higher
activation energies both in the γ (high-temperature) and
γ′ (low-temperature) domains, the BIUVOX conductivity
becomes at 200-300 °C roughly an order of magnitude
lower than that of BICUVOX.

Some double-substituted (Me ) M, M′) BIMEVOX
phases have also been reported.161 Vannier et al.161

compared the performances of such phases to that of a
BICUVOX.10 phase. They introduced two kinds of
atoms in vanadium site (Cu-Ni, Cu-Zn, Ni-Zn, Cu-
Mo) and performed simultaneous substitution for bis-
muth and vanadium sites (Bi-Pb and V-Cu, Bi-Pb
and V-Mo). They did not observe any improvement in
the oxide ion conduction properties. However, it was
emphasized that such an approach could be useful to
optimize other parameters such as mechanical proper-
ties or thermodynamic activity, which can be determin-
ing for practical applications.

To use BIMEVOX as membrane materials, an impor-
tant parameter is the behavior of these materials as a
function of p(O2). Chadwick et al.162,163 performed
measurements of thermoelectric power (θ) on Bi4V2O11
and BICUVOX samples. They observed a complex and
unusual variation of θ. At moderate temperature,
(<850 K), the dependence of θ versus p(O2) for all the
samples is indicative of ionic conduction at high oxygen

partial pressures (>100 Pa). However, at higher tem-
peratures, the materials do not show the expected
dependence with p(O2) for an ionic conductor. It is even
quite unusual. A tentative explanation for the apparent
contradiction between thermoelectric power and con-
ductivity measurements is that there are changes in the
oxidation states of the cationic dopants at high temper-
ature. These changes would occur preferentially in the
surface regions and therefore affect the sample/electrode
interface composition and then the thermoelectric power.
Iharada et al.140 have investigated the electrical proper-
ties dependence of a BICUVOX.10 sample with p(O2).
They observed a few percent increase of the n-type bulk
conductivity as the p(O2) decreased. This variation was
also observed to be temperature dependent; that is, the
lower the temperature, the smaller the increase. Ad-
ditional electrode polarization experiments revealed
that, in marked contrast with stabilized zirconia, the
electrode polarization decreases as the p(O2) is reduced.
This result implies that the electronic conductivity has
a determining influence on the electrode polarization.
The nature of electronic carriers was also shown to be
influenced by the nature of the dopant.164 At temper-
atures higher than ∼500 °C, an n-type conductivity is
observed for oxygen pressure lower than ∼10-2 atm for
Cu-, Ni-, and Fe-substituted materials, whereas a p-type
conductivity is obtained with BICOVOX for oxygen
pressure >10-4 atm. Because of the anisotropic char-
acter of the conductivity, Fouletier et al.164 investigated
the variation of the conductivity versus oxygen pressure
in perpendicular directions on a single crystal. Figure
26 shows that the electronic conductivity increases more
rapidly for σ⊥ than for σ| when the oxygen partial
pressure decreases.

The nature and reversibility of the modifications that
may affect Bi4V2O11

165 and BIMEVOX166,167 phases
under reducing conditions have also been investigated
by Huve et al.165 using high-temperature TEM, high-
resolution electron microscopy, and in situ XRD. At 330
°C, under hydrogen atmosphere, R-Bi4V2O11 progres-
sively and reversibly converts into a γ-type structure.
Because of the presence in the material of some V4+ ions
revealed by electronic paramagnetic resonance, this
transformation was interpreted as an in situ doping
corresponding to the formation of a Bi2(V5+

1-xV4+
x)O5.5-x/2

solid solution, the doping cation being the vanadium
itself at a lower valence state. As the reduction goes

Figure 24. Comparison between (a) Bi4V2O11 and (b) Bi2UO6

structures. Reprinted with permission from ref 160. Copyright
1996 Elsevier.

Figure 25. Comparison between (b) BIUVOX.10 and (O)
BIUVOX.125 to ()) BICUVOX.10 and (-) Bi2UO6 conductivi-
ties.

Figure 26. Conductivity variation in | and ⊥ direction to
layers in BIFEVOX material as a function of p(O2).164
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on, a new phase appears later, corresponding to
Bi4V2O10.66.169 This ordered phase, that can be written
Bi2(V5+

1-xV4+
x)O5.5-x/2 with x ) 0.33, differs from the

γ-type solid solution from a structural point of view. It
is characterized by the transformation of the 2-dimen-
sional vacancy conduction layer into an independent set
of parallel ribbons without any vacancies. So, the new
phase is an insulator. This means, that reaching this
stage under operating conditions would have cata-
strophic consequences on the electrolyte behavior. Be-
fore that dead point, mixed conductivity occurs in the
material. Similar conclusions were deduced from ex-
periments performed on different BIMEVOX phases.

In a recent paper, Boivin et al.168 emphasized that it
was possible to take advantage of these results. They
separated oxygen from air with a BIMEVOX membrane
(ME ) Cu, Co, Zn) constituted by a ceramic BIMEVOX
pellet (diameter, 1.6 cm; thickness, 0.2 cm) co-sintered
with metallic grids on opposite faces. Using a BICU-
VOX electrolyte, oxygen was transferred at 437 °C with
100% efficiency using high current densities (up to 800
mA cm-2). This result corresponds to an oxygen flux of
2.1 µmol cm-2 s-1. For the sake of comparison, the
oxygen flux obtained with a fluorite-type (Bi2O3)0.75-
(Er2O3)0.25 membrane at 630 °C was equal to 0.5-0.7
µmol cm-2 s-1.170 Figure 27 illustrates the specific
behavior of such a device at 486 °C. The most striking
feature is the progressive departure from the Ohm’s law
as the current density increases. This departure was
interpreted as a progressive decrease of the effective
electrolyte thickness which, as the current density
increases, progressively and reversibly converts into
Bi2(V5+

1-y-xV4+
xCuy)O5.5-y-x/2, an efficient mixed elec-

tronic-ionic electrode material. For a fixed current
density, the system quickly reaches an equilibrium
state. The limiting current corresponds to the minimum
electrolyte thickness required to prevent electrons from
percolating through the membrane. Because of the
catalytic increasing efficiency toward oxygen dissocia-
tion of the electrode material as the temperature rises,
this limit also depends on the operating temperature.

Such properties are also dependent on the micro-
structure of the materials. The grain boundaries, the
porosity, and the number and nature of defects strongly

influence the electrical and mechanical properties. Dif-
ferent techniques for the synthesis of BIMEVOX phases
have been examined. Bhattacharya et al.171 synthesized
γ-type Bi4V2O11 from bismuth nitrate hydrate and
ammonium vanadate. They obtained an amorphous
phase that becomes fully crystalline at 593 K, with an
average crystallite size of ∼10 nm. Vaidhyanathan et
al.172 prepared R-Bi4V2O11 using microwave irradiation
starting from the stoichiometric mixture of Bi2O3 and
V2O5. The starting mixture was exposed for 15 min to
the microwaves and then annealed for 2 h at 973 K.
The authors emphasize that the non-annealed samples
during DSC runs exhibit only a very weak endothermic
R w â peak. This result could indicate a limited reaction
after the microwave irradiation alone. A sol-gel syn-
thesis of R-Bi4V2O11 has been proposed by Pell et al.173

Starting from vanadium 2-methoxyethoxide prepared
by azeotropic distillation of V2O5 in excess 2-methoxy-
ethanol and benzene and from soluble bismuth acetate
obtained from Bi2O3 and glacial acetic acid boiled under
flowing nitrogen, they obtained R-Bi4V2O11 after heating
the gel at 110 °C and the resulting powder up to 725
°C. Some traces of BiVO4 were detected in the final
product. A BiVO4-free R-Bi4V2O11 powder was obtained
at 450 °C using bismuth 2-methoxyethoxide made by
the alcoholysis of Bi(N(Si(CH3)3)2)3 instead of bismuth
acetate. Thin films of R-Bi4V2O11 have been deposited
by Viswanathan et al.174 on an amorphous quartz and
polycrystalline silicon substrates by radio frequency
sputtering technique. Aiming at improving ferroelectric
properties, Shanta and Varma175 fabricated grain-
oriented Bi4V2O11 ceramics via a liquid-phase-aided two-
stage sintering process. Addition of known amounts of
KCl to pre-reacted Bi4V2O11 powder led, after heating
at 1025 K, washing with water, and new final sintering
at 1025 K of a cold-pressed pellet, to a grain-oriented
ceramic with an orientation factor of 0.79. Unlike the
randomly oriented ceramic, this new ceramic exhibits
a significant piezoelectric effect. In addition to new
synthesis routes for the parent phase Bi4V2O11, similar
attempts have been made for various substituted phases.
Sant et al.176 have grown BICUVOX.10 thin films by
pulsed laser deposition on polycrystalline BeO and (100)
MgO substrates. Using atomic force microscopy (AFM),
they evidenced a spiral growth and, for samples grown
at 600 °C, a very low surface roughness. Pell et al.177

obtained defect-free films of BICUVOX.10 on SrTiO3
substrates by the pulsed laser deposition technique.
Muller et al.178 induced room-temperature orientation
in BICOVOX.15 powdered samples mixed with 50%
Araldite glue. The orientation was obtained by applying
a 7 T magnetic field. Texture analyses revealed a [001]
fiber texture with a random in-plane orientation. Com-
bined with an uniaxial pressure, this technique leads
to ceramics with physical properties close to those
measured on single crystals. Recently, a new process
for manufacturing inorganic mixed ionic-electronic
conductive membranes for separating oxygen from
oxygen-containing gaseous mixtures has been proposed
by Carolan et al.179 The membranes are formed by
depositing a porous layer of BICUVOX.10 on the outer
surface of a porous MgO tube using a slip made from
calcined BICUVOX powder. The BICUVOX pores are
then closed using metallic nickel deposited by organo-
metallic chemical vapor deposition. Tubes manufac-
tured with such a composite membrane were shown to

Figure 27. Variation of cell potential, O2 production, and
Faradic efficiency as a function of the current density in
BICUVOX.10 at 486 °C.168
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allow oxygen to be selectively transported at 700-750
°C from an outer 6 atm air pressure to the interior of
the tube at approximately atmospheric pressure.

n > 1 Aurivillius Electrolytes. The first reported n >
1 Aurivillius family oxide electrolytes were made in 1997
by Kendall et al.180,181 and Thomas et al.182 These
materials are described as intergrowths derived from
Aurivillius phases and brownmillerite-related phases.
As described before, a brownmillerite layer is simply an
oxygen-deficient perovskite layer in which the oxygen
vacancies are ordered along the [101] direction. As
ordering in this new phase was shown to be strongly
dependent on both the temperature and the thermal
history and in the absence of any precise experimental
proof from, for instance, neutron diffraction, the distinc-
tion between a brownmillerite-like layer and a partly
or fully disordered oxygen-deficient perovskite layer
becomes a bit philosophical. Whatever the preferred
description, several new oxide electrolytes corresponding
to n ) 3 (Bi2Sr2M′2M′′O11.5, with M′ ) Nb, Ta and M′′
) Al, Ga) and n ) 4 (BaBi4Ti3MO14.5, with M ) Sc, In,
Ga) have been reported. The general conductivity
behavior is characterized during the first heating cycle
by a jump of the conductivity occurring between 700 and
850 °C. On cooling, a semistabilized state is generally
observed, with conductivity values 1 or 2 orders of
magnitude higher than during the first heating run.
This state is usually maintained during the first part
of the next heating but, finally, the conductivity drops
to the value observed during the initial run. The
proposed mechanism associates the jump observed upon
heating to an order-disorder transition of the oxygen
vacancies in the perovskite layer as usual in brownmil-
lerite structures (see Ba2In2O5). The vacancy-disordered
state remains stable below the initial onset temperature
upon subsequent cooling. The best conductivity values
(σ ) 4.9 × 10-2 S cm-1 at 900 °C) are obtained with
BaBi4Ti3InO14.5. The corresponding activation energy
in the high-temperature domain is equal to 0.35 eV.
Similar results have been obtained by Pham et al.183,184

for Aurivillius phases corresponding to n ) 2. The
phase NaBi2Nb2O8.5 exhibits a discontinuous change in
the Arrhenius plot of the conductivity at 860 °C. At 900
°C, the σ value reaches 10-2 S cm-1. An entire solid
solution Ca1-xNaxBi2Nb2O9-x/2 was observed. The sample
with x ) 0.1 displays no significant change in conduc-
tivity compared with the stoichiometric phase. All
samples with x g 0.2 exhibit a conductivity discontinuity
in the range 850-900 °C attributed to the disordering
of oxygen vacancies accompanied by a lowering of the
activation energy. The conductivities of the high-
temperature disordered phases increase first with x and
then saturate for x > 0.4. If one assumes that the
preexponential factor in the Arrhenius equation is
proportional to the carrier concentration, this result
suggests that not all the oxygen vacancies participate
in the conduction process in the high-temperature
phase. Saturation occurs for x > 0.4 (i.e., for 0.2 oxygen
vacancies per formula unit). This result is in agreement
with the nearly independent character of the BIMEVOX
conductivity whatever the dopant cation nature.184 The
order of magnitude of conductivity values for the n > 1
Aurivillius phases is significantly lower than the n ) 1
BIMEVOX phases. This result emphasizes the role of
the bismuth lone pair on the oxide conduction process.
In the BIMEVOX phases, the ReO3-type layer is sand-

wiched between two Bi2O2 layers. All the lone pairs
point toward this layer and can therefore dynamically
assist the oxide ion migration, leading to an enhanced
overall mobility.

Conclusion
Over the past decade, considerable improvements

have been made in the field of fast oxide ion conductors.
The synthesis of a new family of materials leading to
both an increase of the performances and a better
understanding of the fundamentals of oxide ion conduc-
tion mechanisms are together responsible for these
improvements. New fields of applications have ap-
peared because of the significant reduction of operating
temperatures of some of these new phases. In addition
to the intrinsic basic properties, the role of microstruc-
ture has been emphasized, leading to the development
of new routes for solid synthesis and new techniques
for ceramic manufacturing. Composite materials with
optimized individual properties and good chemical and
mechanical compatibility have also been the object of
numerous research works. Solid-state inorganic chem-
ists have brought a first-order contribution to these
improvements. Two main approaches appear now as
realistic alternatives for manufacturing dense-oxide ion
membranes. In addition to the well-known zirconia-
based oxides that exhibit unique specificities, a new
series of solid solutions based on the LaGaO3 parent
compound are generating an increasing interest for the
development of efficient SOFCs. Recent evidence indi-
cates that fast ion conductors seem the most promising
materials for low-temperature, current-driven mem-
brane applications (T < 600 °C). From this point of
view, the BIMEVOX phases presently exhibit the most
attractive properties for the electrochemical separation
of oxygen gas at high and intermediate partial pressure.
Their ability to support high current densities without
degradation is a determining advantage. At higher
temperatures, mixed monophasic or polyphasic ionic-
electronic conductors appear as an attractive solution
with possible large-scale applications in pressure-driven
membranes and syn-gas synthesis. The new mixed
conductor SrFeCo0.5Ox fulfills many of the requirements
(good chemical stability, low activation energy, equili-
brated balance between ionic and electronic conductivi-
ties, high oxygen fluxes). The frontier between both
types of materials is sometimes very tenuous, some pure
ionic conductors can partly act as a mixed conductor
under specific operating conditions leading the same
material to be in charge of several functions of different
nature simultaneously. This point can be of a great
technological interest because it allows one to limit the
number of components and eliminates, at least partly,
some of the chemical and mechanical compatibility
problems. However, new advances are still needed; for
example, limiting material aging, particularly under
high current densities, and improving existing synthesis
routes and developing new routes. In this review we
have tried to emphasize some of the solutions that are
under examination. Whatever the material problem to
address, a strong interaction between synthesis chem-
istry and precise structural and electrochemical char-
acterizations will be one of the keys to win this
challenge.
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Mater. 1996, 8, 642.
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